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Abstract 

Understanding and controlling the performance of additively manufactured aluminum alloys 

containing scandium (Sc) and zirconium (Zr) elements heavily relies on knowledge of their microplasticity 

and macroplasticity behavior. However, this aspect has received very little attention. In this investigation, 

we examined the microplasticity and macroplasticity behavior of additively manufactured Al-Mg-Sc-Zr 
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alloys before and after aging, using in-situ synchrotron X-ray diffraction and full-field crystal plasticity 

modeling. Our study provides a quantitative assessment of the transitions from elasticity to microplasticity 

and then to macroplasticity and analyzes the development of the initial microstructure, particularly the 

dislocations. We constructed crystal plasticity fast-Fourier-transform models based on dislocation 

densities. The predicted evolutions of macroscopic stress-strain curves, lattice strains, and dislocation 

densities agree with in-situ measurements. The present findings provide deep insights into controlling the 

performance of AM Al-Mg-Sc-Zr alloys. Besides, the micromechanical model developed in this 

investigation paves the way for predicting the microplasticity and macroplasticity behavior of various 

metallic materials. 

Keywords: Aluminum alloy; additive manufacturing; synchrotron X-ray diffraction; microplasticity; 

dislocation density; strain hardening mechanism; crystal plasticity 

 

1. Introduction 

The use of scandium (Sc) and zirconium (Zr) as alloying elements has attracted considerable attention 

in developing high-performance aluminum alloys for additive manufacturing (AM) over the last decade. 

One such example is Scalmalloy®, an Al-Mg-Sc-Zr alloy developed by (Schmidtke et al., 2011), which 

was the first AM-oriented Al alloy exhibiting high strength, fatigue and toughness properties, and 

corrosion resistance (Herzog et al., 2016; Schmidtke, 2020; Spierings et al., 2017; Spierings et al., 2016). 

Subsequently, several other Al-x-Sc-Zr alloys have been developed for AM (Bayoumy et al., 2022; Jia et 

al., 2019b; Li et al., 2020a). 

The relationships between the alloying composition, microstructure, and mechanical properties were 

extensively studied for these new AM Al alloys (Jia et al., 2019a; Jia et al., 2019b; Li et al., 2020a; 
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Spierings et al., 2018a; Spierings et al., 2017; Wang et al., 2021a). The effects of AM conditions, such as 

scan strategy (Li et al., 2017; Spierings et al., 2016), laser parameters (Li et al., 2017; Schmidtke et al., 

2011; Shi et al., 2017; Spierings et al., 2016), and preheating temperature of the substrate (Shi et al., 2018), 

and heat treatment (Khomutov et al., 2021; Li et al., 2020a; Wang et al., 2021b) on the microstructure and 

properties of these new alloys were thoroughly investigated. However, very little attention has been paid 

to their microplasticity and macroplasticity behavior. 

Microplasticity refers to the plastic activity at small strains before macroscopic yielding. The 

boundary between microplasticity and macroplasticity is commonly defined using a practical concept - 

the 0.2% offset yield stress (Li and Wagoner, 2021; Maaß and Derlet, 2018; Zhu and Wu, 2023). 

Investigating microplasticity is essential. Practically, microplastic information is valuable in selecting 

materials for purely elastic and high dimensional-stability applications. This is especially important for 

AM components, which often have topology-optimized and intricate geometry and are in a non-

equilibrium state. Therefore, accurately maintaining their geometry and microstructure during service is 

crucial for high-value AM applications. Fundamentally, microplasticity accounts for the transition from 

elastic to plastic activity. It is known that before macroscopic yielding, microplasticity deformation has 

already occurred (Berger et al., 2022). However, there are still many unanswered questions regarding 

microplasticity deformation (Arechabaleta et al., 2016; Li and Wagoner, 2021; Maaß and Derlet, 2018). 

For example, how does the initial microstructure, particularly the dislocations, evolve from elasticity to 

macroplasticity? What is the relationship between dislocation density, plastic strain, and stress during 

microplasticity deformation? This relationship in the microplasticity stage is complex and often poorly 

understood (Maaß and Derlet, 2018). 

After the microplasticity stage, the material enters the macroplasticity stage, where the majority of 
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grains undergo plastic deformation with significant dislocation activities (Beyerlein and Tome, 2008; Chen 

et al., 2021b). This stage is closely linked to strain hardening behavior and elongation, which are critical 

for various engineering applications. The development of dislocation structures and accumulation of 

dislocations during the macroplasticity stage contribute to strain hardening (Wei et al., 2022). In order to 

comprehend strain hardening behavior and elongation, it is essential to investigate the dislocations, as they 

are the primary carriers of plastic deformation in metals, and their behavior directly affects the mechanical 

properties of the material. In the case of the AM Al-x-Sc-Zr alloys, direct aging is typically required to 

increase strength through precipitation strengthening (Cordova et al., 2020; Herzog et al., 2016; Li et al., 

2020a). This raises important questions: How does direct-aging treatment affect macroplasticity behavior? 

What are the micromechanical aspects that contribute to changes in macroplasticity behavior before and 

after direct aging? How does the dislocation behavior change before and after direct aging? Answering 

these questions is crucial to control the performance of AM Al-x-Sc-Zr alloys. 

In this study, we investigated the microplasticity and macroplasticity behavior of additively 

manufactured Al-Mg-Sc-Zr alloys before and after aging using in-situ synchrotron X-ray diffraction 

(SXRD) and full-field crystal plasticity modeling. The bulk textures before and after aging were measured 

using SXRD. The microstructures were analyzed using optical microscopy (OM) and electron backscatter 

diffraction (EBSD). Crystal plasticity fast-Fourier-transform (CPFFT) models based on dislocation 

densities were constructed and validated. Quantitative assessments of the transitions from elasticity to 

microplasticity and then to macroplasticity were performed, and the development of the initial 

microstructure, particularly the dislocations, was analyzed in detail. Our findings provide valuable insights 

into the underlying mechanisms responsible for the microplasticity and macroplasticity behavior of AM 

Al-Mg-Sc-Zr alloys. Furthermore, the micromechanical models developed here can be extended to predict 
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the micromechanical behavior of other metallic materials. 

2. Experimental procedure 

2.1 Additive manufacturing and heat treatment 

The Scalmalloy® specimens were manufactured using the laser powder bed fusion (LPBF) method. 

Toyal Europe Company supplied the Scalmalloy® powder, which had a size distribution of d10=31.9 µm, 

d50=47.0 µm, and d90=68.4 µm. The chemical composition of the powder is Al-4.7Mg-0.78Sc-0.29Zr-

0.48Mn-0.10Fe-0.07Si (wt.%). The specimens were built vertically using an EOS M290 system, with a 

laser power of 370 W, a laser scan speed of 1275 mm/s, and a volume energy density of 64.48 J/mm³ under 

an argon gas atmosphere. Direct aging treatment was applied under 325 °C for 4 hours in a circulating air 

oven, followed by water-quenching. The AM specimens were near-net-shaped, and the as-built and direct-

aged specimens were machined to remove surface defects, resulting in dog-bone-shaped round tensile 

specimens. The removed surface layer of the parallel part was approximately 0.5 mm thick. The final 

diameter and length of the parallel part of the tensile specimens were 4 and 30 mm, respectively. 

2.2 Optical microscopy analysis 

Optical image characterization was performed to analyze the size and distribution of pores and other 

defects on a reflected-light microscope of the type ZEISS Axio Imager.M2m. Images were captured on 

10×10×10 mm³ cubes (ground and polished) in a centered position with a direction normal to the XY plane. 

These cubes were manufactured in the same printing job to ensure consistency. 

2.3 Electron backscatter diffraction analysis (EBSD) 

The EBSD analysis was conducted using a Zeiss Ultra 55 scanning electron microscope equipped 

with an Oxford Nordlys II EBSD detector. The samples were cut along the Z direction and polished 

manually. Then, the samples were electrolytically polished. High-resolution mapping was performed with 
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a step size of 30 nm/step, resulting in an acquisition time of approximately 60 hours for the high-resolution 

images. The zero solutions were removed by matching them to indexed, adjacent pixels. The number of 

nearest neighbors with a solution was stepwise reduced from 8 to 4 until zero solutions were removed. 

Finally, any wild spikes up to 2 pixels in size were removed. 

2.4 In-situ synchrotron X-ray diffraction 

The in-situ SXRD experiment was performed at the High Energy Materials Science (HEMS) 

beamline P07B of the Helmholtz-Zentrum Hereon at PETRA III, DESY. The specimens were subjected to 

tensile loading using a tensile rig placed on the sample table. The crosshead displacement speed was 

maintained at 0.36 mm/min, which corresponded to a nominal strain rate of 3.0×10-4 s-1. 

An Instron 2620-602 extensometer and a Kyowa KFEM-2-120-C1L1M2R high-accuracy strain 

gauge were utilized to measure strain simultaneously. The strain gauge was attached to the side of the X-

ray incident location. Therefore, the average strain within the extensometer, which had an initial distance 

of 12.5 mm, and the precise local strain at the X-ray incident location were recorded simultaneously. Fig. 

1(a) provides an overview of the experimental setup, and Fig. 1(b) displays the tensile specimen with the 

extensometer and the strain gauge. 

The initial bulk textures of the as-built and direct-aged specimens were measured before loading 

using the SXRD, without the tensile rig but with a rotation sample table. The sample table rotates around 

the longitudinal axis of the specimens from -90° to 90° with a step size of 5° for texture measurements. 

The synchrotron X-ray had a wavelength of 0.14235 Å and a spot size of 0.7×0.7 mm2. A two-

dimensional PerkinElmer XRD 1622 detector with a pixel size of 200×200 μm2 and 2048×2048 pixels 

was used to record the diffraction patterns. 
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Fig. 1 In-situ SXRD experiment setup at the beamline P07B, DESY: (a) an overview; (b) a close view of 

the tensile specimen, extensometer, and strain gauge. The X-ray incident location is at the center between 

the two arms of the extensometer, and the strain gauge is on the side of the X-ray incident location. 

 

2.5 Calculations of lattice strain and diffraction elastic constants 

The 10° cake segments of the 2D diffraction images at the positions of 0°±5° and 180°±5° were used 

to calculate the diffraction spectrums for the transversal direction (TD). Those at the positions of 90°±5° 

and 270°±5° were used to calculate the diffraction spectrums for the loading direction (LD). The {hkl} 

lattice strain s

hkl  in the direction s (s = LD or TD) is calculated by 

,0sin
1

sin

s

hkls

hkl s

hkl





= − ,                 (1) 

where   is the peak position, and subscript 0 denotes the reference condition before loading. No Einstein 

summation on s or hkl exists. 

The {hkl} elastic moduli 
hklE  can be determined by 
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where 
LD  is the applied stress, LD

hkl  the lattice strain in the LD. 

For materials with weak textures, the {hkl} Poisson’s ratio 
hkl  can be calculated by 

TD

LD

hkl
hkl

hkl







= −


.                  (3) 

2.6 Determination of dislocation density through line profile analysis 

The modified Williamson-Hall (mWH) method (Ungar and Borbely, 1996) was used to assess 

dislocation density evolution during loading qualitatively. However, this method has limitations in 

accurately separating instrumental and size contributions, and it describes the size and strain effects using 

simplified functions and parameters, resulting in relatively large errors (Scardi and Leoni, 2006; Scardi et 

al., 2004). To obtain more reliable results, the convolutional multiple whole profile (CMWP) procedure 

(Ribarik et al., 2019; Ribarik and Ungar, 2010) was also adopted to determine the dislocation density. The 

physical profile is broadened by (i) size broadening due to small coherently scattering domains and (ii) 

strain broadening that is produced by dislocations and is described by the mean square strain 2 . In the 

CMWP procedure, the physical profile functions are obtained by convolution of the theoretical size and 

strain profile functions. The mean square strain 2  is calculated by 

( )2

4

Cb
f


 


= ,                 (4) 

where   is the dislocation density, C  and b are the contrast factor and Burgers vector of dislocations, 

and ( )f   is the Wilkens function (Ribarik and Ungar, 2010). 

3. Results 

3.1 Macroscopic mechanical properties 

Fig. 2 shows the engineering stress, strain from the extensometer, and strain from the strain gauge as 

functions of time. After yielding, the strain development with time is stepwise for both as-built and direct-
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aged specimens, indicating that plastic deformation is localized in both materials (Benallal et al., 2008). 

In contrast, during homogeneous plastic deformation, the strain magnitude increases continuously and 

smoothly with time (Zhang et al., 2021a). As both materials exhibit localized plastic deformation, it is 

expected that the strain measured by the strain gauge differs from that of the extensometer. Specifically, 

the strain gauge measures the local strain experienced at the synchrotron X-ray incident location, while 

the extensometer provides the average strain within the two arms of the extensometer (see Fig. 1(b)). 

 

Fig. 2 Evolutions of engineering stress, engineering strain measured from extensometer, and engineering 

strain measured from strain gauge with time for the (a) as-built and (b) direct-aged specimens. 

 

The stress-strain curves for the as-built and direct-aged specimens are presented in Fig. 3(a). Prior to 

macroscopic yielding, the stress-strain curve based on the strain gauge coincides with that based on the 

extensometer. In Fig. 3(b), the stress-strain curve for the as-built material deviates from linearity at a stress 

of 113.7 MPa, which is the proportional limit PL . The PL value for the direct-aged material is 407.2 

MPa. Additionally, the yield strength 0.2  for the as-built and direct-aged materials is 293.6 MPa and 

513.0 MPa, respectively (Fig. 3(b)). Therefore, the direct-aging treatment significantly increases both the 

proportional limit and yield strength. 
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Fig. 3 Stress-strain curves of the as-built and direct-aged specimens: (a) engineering stress-strain curves. 

The strains measured from both the strain gauge and extensometer are compared here. (b) Engineering 

stress-strain curves in the small strain range. 

 

It is noteworthy that both specimens exhibit serrations in their stress-strain curves during 

macroplasticity, as shown in Fig. 3(a). These serrations are attributed to the Portevin-Le Chatelier (PLC) 

effect. This effect is often observed in solute-strengthened alloys, such as the Al-Mg alloys, and results in 

unstable plastic flow and a serrated stress-strain curve (Chen et al., 2021a, b). The PLC effect is associated 

with dynamic strain aging (DSA), which is attributed to the interactions between diffusive solute atoms 

(e.g., Mg atoms) and mobile dislocations (Curtin et al., 2006). Previous research (Rodriguez, 1984; Zhang 

et al., 2017) has shown that the serrations caused by the PLC effect can be classified into different 

categories: types A, B, C, D, and E. Type A serrations show an abrupt rise followed by a drop, which is 

caused by the dislocation locking mechanism. Type B serrations are oscillations around the average level 

of the stress-strain curve, usually developed from type A with increasing strain. Type C serrations are stress 

drops below the average level of the stress-strain curve, which are associated with the dislocation 

unlocking mechanism. Type D serrations show plateaus in the stress-strain curve with no obvious strain 

hardening. Type E serrations often appear at high strains, similar to type A but with little or no strain 
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hardening (Rodriguez, 1984). Based on these definitions, different types of serrations for both specimens 

are marked in Figs. 4(a) and (b). 

The PLC behavior causes local variations in the strain rate. In the present in-situ tensile experiments, 

a constant nominal strain rate of 3.0×10-4 s-1 was used (with a crosshead displacement speed of 0.36 

mm/min). However, the recorded true strain rate values for the as-built material varied between -1×10-3 

and 3×10-3 s-1 (Fig. 4(c)), while that of the direct-aged material varied between 0 and 1.5×10-3 s-1 (Fig. 

4(d)). Despite these instantaneous fluctuations, the magnitudes of the true strain rates remained very low 

and within the quasi-static condition. Therefore, the effect of the instantaneous strain rate on the 

mechanical properties is expected to be small. 

 

Fig. 4 Detailed stress-strain curves and the corresponding strain rate evolutions. 
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3.2 Porosity 

Fig. 5(a) presents a typical OM image at 12.5× magnification, which provides an overview of the 

pores in the as-built specimen. To capture more fine pores, we used 11 OM images at 25× magnification 

to measure the porosity in the as-built specimen. However, pores with diameters smaller than one pixel, 

which denotes 2.88 μm at this magnification, could not be analyzed. The determined porosity of the as-

built specimen is 0.44±0.07%, which is consistent with previous reports (Spierings et al., 2017; Spierings 

et al., 2018b). Fig. 5(b) presents a detailed statistical analysis of the pores. The minimum, maximum, and 

average pore diameters are 10.44, 140.73, and 18.29 μm, respectively. Moreover, 91.57% of the pores 

have diameters smaller than 30 μm, and most of the pores are round, indicating that the metallurgical pores 

dominate the pore population (Aboulkhair et al., 2014). 

 

Fig. 5 OM microstructure: (a) a typical optical microscopy image shows an overview of the pores in the 

as-built specimen; (b) statistics of pores. 

 

3.3 Bulk texture 

The gauge volume used for the texture measurements via SXRD was 0.7×0.7×4 mm3. Meanwhile, 

the sample rotated during texture measurements. Hence, the measured textures reflect averaged properties. 
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The peak intensity pole figures of the as-built and direct-aged materials are shown in Fig. 6. The 200 pole 

figure indicates a typical <001>//Z fiber texture in both materials, with the maximum intensity value of 

this fiber texture being only 1.29 and 1.25 multiples of a random density (MRD) in the as-built and direct-

aged materials, respectively. These results indicate that the bulk textures in both materials are weak, and 

the direct-aging treatment has only a minimal effect on the texture. 

 

Fig. 6 Peak intensity pole figures of the (a) as-built and (b) direct-aged specimens prior to loading. The Z 

direction is parallel to the building direction. The X and Y directions are parallel to the base plate. 

 

The full width at half maximum (FWHM) pole figures shown in Fig. 7 reveal two main features. 

Firstly, both materials exhibit a fiber texture, with grain families oriented parallel to the Z direction having 

smaller FWHM values. This suggests that these grain families experienced less plastic deformation during 

the AM process, while those with crystallographic orientations parallel to the base plate show larger 
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FWHM values, indicating greater plastic deformation caused by inhomogeneous thermo-mechanical 

deformation (Xie et al., 2020). Secondly, the FWHM values of the direct-aged material are lower than 

those of the as-built material. This is attributed to the thermal annealing effect caused by the aging process, 

which reduces the dislocation density in the direct-aged material. 

 

Fig. 7 FWHM pole figures of the (a) as-built and (b) direct-aged specimens prior to loading. The 

definitions of X, Y, and Z directions are the same as those in Fig. 6. 

 

3.4 Microstructure 

It has been reported that the as-built Scalmalloy® alloy consists of a bimodal grain structure. The 

coarse grains have a grain size ranging from ~2 to ~13 μm and show a typical <001>//Z fiber texture. Fine 

grains have a grain size ranging from ~0.15 μm to ~2 μm, depending on the manufacturing conditions, 

and display random grain orientations (Spierings et al., 2016). According to simulations and detailed 

transmission electron microscopy (TEM) characterizations, the fine grains are formed due to the high 
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number density of seed crystals, including Al3(Sc, Zr) and mixed oxide particles (Al-Mg-oxides) around 

the melt-pool boundary, which stimulate simultaneous growth of fine grains. The coarse columnar grains, 

on the other hand, are associated with the high-temperature gradient and low number density of seed 

crystals (Al-Mg-oxides) (Spierings et al., 2017; Spierings et al., 2018b). It is worth noting that the grain 

structure of the as-built Scalmalloy® alloy demonstrates excellent thermal stability as the grain boundaries 

are pinned by small Al3(Sc, Zr) particles (Spierings et al., 2017). 

A significant amount of Sc and Zr remains in the solid solution due to the high cooling rates during 

LPBF processing. During the direct aging treatment, Al3(Sc, Zr) particles form. For instance, based on 

atom probe tomography (APT) analysis, (Spierings et al., 2018a) showed that the direct aging at 325 ℃ 

for 4 hours increases the Al3(Sc, Zr) particle number density in the Scalmalloy® alloy from 0.5-1.0×1023 

m-3 (as-built) to 5.2×1023 m-3 (direct-aged). The Al3(Sc, Zr) particle number density in the direct-aged state 

increases by a factor of about 3-10 compared to the as-built state. These Al3(Sc, Zr) particles typically 

have sizes ≤ 5 nm. This APT analysis also revealed that the direct aging treatment at 325 ℃ for 4 hours is 

sufficient to precipitate almost all Sc to form Al3Sc or Al3(Sc, Zr) particles (Spierings et al., 2018a). 

The present EBSD images of both specimens in Figs. 8(a) and (b) confirm the previously reported 

bimodal grain structure (Cordova et al., 2020; Schimbäck et al., 2022; Spierings et al., 2018a; Spierings 

et al., 2017; Spierings et al., 2018b; Spierings et al., 2016). The fine grains in the as-built specimen have 

circle equivalent grain diameters ranging from ~0.1 to ~2.0 μm, while those of the coarse grains range 

from ~2.0 to ~14.0 μm (Fig. 8(a)). The lognormal mean grain sizes of the as-built and direct-aged 

specimens are 0.78±0.59 and 0.83±0.54 μm, respectively, indicating that the grain size remains almost the 

same after aging. The 111, 200, and 220 pole figures of both specimens obtained from the EBSD images 

exhibit similar patterns to those obtained from the SXRD (Fig. 6), but with different pole figure intensities. 
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The maximum intensity values of the local <001>//Z fiber texture at the microscale in the as-built and 

direct-aged specimens are about 4.10 and 4.89 MRD, respectively, which are about 3.2-3.9 times those 

determined from bulk textures (Figs. 8(c) and (d)). 

 

Fig. 8 EBSD microstructures before tensile deformation: IPF maps of (a) the as-built and (b) direct-aged 

specimens; pole figures of the (c) as-built and (d) direct-aged specimens; KAM maps of (a) the as-built 

and (b) direct-aged specimens. The legends of the IPF map and KAM map are shown in the bottom right 

corner, as well as the definition of the sample coordinate system. 
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The KAM maps presented in Figs. 8(e) and (f) illustrate the local strains resulting from the 

accumulation of geometrically necessary dislocations. Both specimens exhibit relatively high KAM values 

of about 1.5º. In the as-built specimen, the fine grains in the up region show a slightly more intensive 

distribution of high KAM values due to a large number of grain boundaries than the coarse grains. The 

fine grains in the bottom region of Fig. 8(e) and in the middle region of Fig. 8(f) show more blue colors, 

which is due to the data cleaning process. Figs. 8(e) and (f) show that there is no significant difference in 

the KAM maps between the as-built and direct-aged specimens. 

3.5 Evolutions of lattice strains 

Fig. 9 displays the SXRD spectrums of the as-built and direct-aged specimens before loading. In both 

materials, only Al peaks can be detected. For the direct-aged material, the Al3(Sc, Zr) precipitates have the 

L12 crystal structure and are completely coherent with the Al matrix (Li et al., 2014). When the materials 

are subjected to tensile loading, the distances between various {hkl} lattice planes alter, causing diffraction 

peaks to shift. 

 

Fig. 9 SXRD spectrums of the (a) as-built and (b) direct-aged specimens prior to loading. 

 

From peak shifting, the {hkl} lattice strains in the LD and TD of both materials are calculated using 

Eq. (1), as shown in Fig. 10. For the as-built material (Fig. 10(a)), the lattice strain vs. applied true stress 
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curves can be divided into four zones based on their evolutions: rA (elasticity, until 
PL  ), rB1 

(microplasticity stage 1, until 276.9 MPa due to dislocation behavior), rB2 (microplasticity stage 2, until 

324.7 MPa), and rC (macroplasticity, until fracture) zones. In the elasticity stage, all lattice strains in both 

LD and TD vary linearly with the applied true stress. In the microplasticity stage 1, the lattice strain vs. 

applied true stress curves exhibit slight deviations from elastic slopes due to a small amount of plastic 

deformation. In the microplasticity stage 2, the {200} lattice strain curve in the TD shows more 

pronounced nonlinearity due to increased intergranular strains. Further details about the microplasticity 

stages, which are associated with dislocation behavior, are explained in section 3.6. 

In the macroplasticity stage, a wider spread of {hkl} lattice strains is observed, indicating that plastic 

deformation becomes more heterogeneous. In texture-free FCC metals, the {311} lattice strain is 

approximately linear with applied stress in both LD and TD (Clausen et al., 1998). However, during the 

macroplasticity stage, the {311} lattice strain of the as-built specimen is nonlinear in the LD but linear in 

the TD (see Fig. 10(a)). This inconsistency is likely caused by texture effects, which reduce particular 

grain statistics due to preferred grain orientations (Choo et al., 2020; Schroeder et al., 2021). Another 

possibility is that the nonlinear evolution of {311} lattice strain could also be caused by anisotropic 

residual strains within the as-built sample, as suggested by (Wang et al., 2018). 

The evolutions of lattice strains in the direct-aged material can also be divided into four zones (Fig. 

10(b)): rA (elasticity, until 
PL  ), rB (microplasticity, until 522.4 MPa), rC1 (macroplasticity stage 1, 

separated due to dislocation behavior), and rC2 (macroplasticity stage 2, until fracture) zones. The 

macroplasticity stage is divided into two sub-stages that are associated with the dislocation behavior and 

will be explained in section 3.6. It is noteworthy that the {311} lattice strain curves in both LD and TD 

are linear with the applied true stress for the direct-aged material. 
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Fig. 10 Evolutions of different hkl lattice strains with applied true stress in both LD and TD for the (a) as-

built and (b) direct-aged specimens. For both LD and TD, the maximum lattice strain error of the as-built 

specimen is smaller than 76×10-6, and that of the direct-aged specimen is smaller than 60×10-6. 

 

Table 2 Experimental and Kröner model (Zhang et al., 2021b) predicted diffraction elastic constants of 

the as-built and direct-aged specimens. 

hkl Elastic moduli Ehkl Poisson’s ratio hkl  

As-built Direct-aged Kröner model As-built Direct-aged Kröner model 

111 70.21 72.88 73.09 0.309 0.327 0.342 

200 64.49 67.12 67.44 0.318 0.329 0.354 

220 68.38 70.09 71.59 0.320 0.327 0.345 

311 66.92 69.14 69.99 0.321 0.332 0.348 
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The evolutions of lattice strains can be used to determine the {hkl} diffraction elastic constants and 

Poisson’s ratio using Eqs. (2)-(3), as summarized in Table 2. For comparison, the Kröner model predictions 

based on a random texture assumption are also listed (Zhang et al., 2021b). The Kröner model is based on 

Eshelby’s theory (Eshelby, 1957) and considers a spherical particle embedded in an effective medium, 

satisfying both interface and compatibility conditions (Kroner, 1958). The model has been shown to 

accurately predict diffraction elastic constants that agree with experimental results (Wagner et al., 2014; 

Zhang et al., 2021b). The results in Table 2 indicate that the {hkl} elastic moduli Ehkl values of the direct-

aged material agree well with the Kröner model predictions. In contrast, those of the as-built material 

deviate from the predictions by about 4.3%. For the {hkl} Poisson’s ratio, the measured values of the 

direct-aged material are also closer to those of the predictions. These findings suggest that the anisotropic 

elasticity and plasticity behavior at the grain scale of the as-built material are affected by its non-

equilibrium microstructure and residual strains. 

3.6 Evolution of dislocations 

The plastic activity can be detected by analyzing the FWHM values of diffraction peaks. When plastic 

activity occurs, the dislocation density changes, which in turn affects the FWHM value. As shown in Fig. 

11(a), in zone rA (the elasticity stage), the FWHM values of the as-built material remain nearly constant, 

with variations smaller than 0.9%, indicating that no dislocation activity is present. In zone rB1 (the 

microplasticity stage 1), the FWHM values of the as-built material decrease apparently, with a reduction 

of -5.7% for the {311} peak, indicating the initiation of dislocation activity and a reduction in dislocation 

density. In zones rB2 and rC (the microplasticity stage 2 and the macroplasticity stage), the FWHM values 

of the as-built material increase continuously and obviously, revealing increased dislocation density. On 

the other hand, as shown in Fig. 11(b), the FWHM values of the direct-aged material are almost constant 
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in zone rA (the elasticity stage), indicating the absence of dislocation activity. In zones rB, rC1, and rC2 

(all microplasticity and macroplasticity stages), the FWHM values of the direct-aged material increase 

continuously and largely, indicating active dislocation multiplication. 

 

Fig. 11 Relative change in FWHM for the (a) as-built and (b) direct-aged specimens. The definitions of 

zones rA, rB, rB1, rB2, rC, rC1, and rC2 are the same as those in Fig. 10. 

 

The variation of dislocation density can also be assessed using the mWH method (Ungar et al., 1999). 

The mWH function reads 

( ) ( ) ( )
1 2

2 2 1 2 1 2 2

K0.9 2K D M b KC O K C  = + + ,         (5) 

where 2sinK  = , with θ and λ being the diffraction angle and the X-ray wavelength, respectively; D 

is the average crystal size, MK a material constant, b the magnitude of the Burgers vector, C the average 

contrast factor, and ( )2O K C  represents higher-order terms. Fig. 12 shows the mWH plot for the as-built 

and direct-aged specimens, which reveals qualitative features of peak broadening at different deformation 

stages. The mWH plot takes into account the strain anisotropy using the dislocation contrast factor C, so 

that the FWHM values (ΔK) vs. KC1/2 values follow straight lines. In the mWH plot, the straight-line slope 

is proportional to the dislocation density. Fig. 12(a) shows that the line slope for the applied true stress of 

272.1 MPa is lower than that for the applied stress of 8.0 MPa. This indicates that the dislocation density 
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of the as-built specimen decreases during the microplasticity stage 1, which agrees with the FWHM results 

in Fig. 11(a). This dislocation density reduction may be associated with the relaxation of initial residual 

stresses, which are prone to develop in AM alloys (Zhang et al., 2022). At the applied stresses of 316.7 

MPa and higher, the line slope increases again. Fig. 12(b) shows that the line slope only slightly increases 

when the applied stress increases to 450.3 MPa. At the applied stresses of 522.9 MPa and higher, the line 

slope rises significantly. These results from the mWH plot confirm the variation tendencies of dislocation 

density. 

 

Fig. 12 Modified Williamson-Hall plot for the (a) as-built and (b) direct-aged specimens. 

 

The CMWP analysis was employed to determine the quantitative evolution of dislocation density, as 

presented in Fig. 13(a). The initial dislocation density values of the as-built and direct-aged materials were 

found to be 8.13×1014 and 4.19×1014 m-2, respectively. Therefore, the direct-aging treatment considerably 

reduced the initial dislocation density, which is consistent with the FWHM pole figure results in Fig. 7. 

The dislocation density of the as-built material reached 33.66×1014 m-2 in the as-built material at the true 

strain of 0.121, whereas that of the direct-aged material reached 47.69×1014 m-2 at the true strain of 0.081. 

During the macroplasticity stage, the dislocation density increased much faster in the direct-aged material 

than in the as-built material. This observation is mainly attributed to the higher density of Al3(Sc, Zr) 
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precipitates in the direct-aged material. The strong interactions between the dislocations and the coherent 

Al3(Sc, Zr) precipitates promote more pronounced dislocation multiplication during plastic deformation. 

 

Fig. 13 Evolution of dislocation density: (a) dislocation density vs. true strain measured from strain gauge; 

(b) true stress vs. square root of dislocation density. In sub-figure (b), the definitions of zones rA, rB, rB1, 

rB2, rC, rC1, and rC2 are the same as those in Fig. 10. 

 

Fig. 13(b) shows the true stress as a function of the square root of dislocation density, which also 

indicates the four zones defined in Fig. 10 for both materials. In the as-built material, the dislocation 

density in zone rA (elasticity stage) remains nearly constant, decreases evidently in zone rB1 

(microplasticity stage 1), in agreement with the FWHM results in Fig. 11(a) and the mWH plot in Fig. 

12(a). Subsequently, the dislocation density increases again in zone rB2 (microplasticity stage 2) and zone 

rC (macroplasticity stage) due to dislocation multiplication. Fig. 13(b) shows that the dislocation density 

remains almost constant in zone rA (elasticity) for the direct-aged material. In zone rB (microplasticity 

stage), the dislocation density increases continuously. No reduction in dislocation density is observed in 

the microplasticity stage of the direct-aged material. In zone rC1 and rC2 (macroplasticity stages 1 and 2), 

the dislocation density increases rapidly with a slight increase in true stress. These results are consistent 

with the FWHM results in Fig. 11(b) and the mWH plot in Fig. 12(b). 
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4. Crystal plasticity modeling based on dislocation density 

Crystal plasticity models are widely used to study the deformation behavior of crystalline materials 

under various loading conditions. Crystal plasticity models can be broadly classified into two types: mean-

field models and full-field models. The first type of crystal plasticity models includes the full constraint 

Taylor scheme (Mánik and Holmedal, 2014) and self-consistent schemes like the viscoplastic self-

consistent (VPSC) model (Beyerlein and Tome, 2008; Zecevic et al., 2017) and elastoplastic self-

consistent (EPSC) model (Daroju et al., 2022; Ghorbanpour et al., 2017). Mean-field models treat each 

single crystal grain as an ellipsoidal that embeds in and interacts only with the homogeneous effective 

medium. On the other hand, full-field models such as the crystal plasticity finite element (CPFE) model 

(Azhari et al., 2022; Chen et al., 2019; Li et al., 2020b; Zhang et al., 2022) and CPFFT model (Dadhich 

and Alankar, 2022; Sedighiani et al., 2020; Sedighiani et al., 2021) can directly use real grain 

microstructure as input, spatially resolve the grains, and calculate the mechanical fields in all grains. As a 

result, the grain-grain interactions and mechanical fields within grains and across grain boundaries can be 

investigated. In this study, CPFFT models are developed to investigate the deformation behavior of the 

as-built and direct-aged specimens. 

4.1 Constitutive law 

The CPFFT modeling in this study uses a constitutive model modified from the one published in the 

previous reports (Roters et al., 2019; Sedighiani et al., 2020; Wong et al., 2016), which relates the evolution 

of dislocation densities to dislocation multiplication, dislocation annihilation, and dipole formation. The 

difference between the present model and the previous one is that the interaction matrix used to calculate 

the athermal component of resolved shear stress is modified. In brief, the used CP constitutive model in 

this study can be described as follows. 
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The shear rate 
  of the slip system α is calculated by the Orowan equation: 

mb    = ,                  (6) 

where m

  is the mobile dislocation density,   the average velocity of mobile dislocations. 

The average velocity   is determined by (Cereceda et al., 2016; Sedighiani et al., 2020) 

b r

b r

 


 

 


 
=

+
,                  (7) 

with 

*

r
T b

B


 

 = ,                   (8) 

where B is the drag coefficient and *

T

  the thermal stress defined by Eq. (10). 

The velocity b

  is described by (Sedighiani et al., 2020) 

( )
*

b 0 *

B 0

exp 1 sign

q
p

TF

k T


 

  


    
 = − −  
     

,           (9) 

where F  is the total short-range barrier energy, 0  the dislocation glide velocity pre-factor, p and q 

determine the shape of the short-range barrier, *

0   the barrier’s strength. The thermal stress 
*

T

   is 

calculated by 

dis dis*

dis

    for     

0               for     
T

   



 

   


 

 − 
= 



,             (10) 

where   is the total resolved shear stress on the slip system α. 

The athermal component of the resolved shear stress dis

  is defined as 

( )
s

1 2

dis e m d

1

N

b f  




    
=

 
= + 

 
 ,              (11) 

where μ is the shear modulus, Ns the number of slip system, fe a positive coefficient,   the interaction 

matrix between slip systems α and β, d

   the dislocation dipole density of the slip system β. The 
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introduction of the fe parameter is based on previous observations. The interaction matrix   is first 

introduced by (Franciosi et al., 1980) to allow slip-system-dependent interaction coefficients.   is a 

generalized version of the dislocation strengthening coefficient 
dis  in the well-known Taylor model. The 

experimental values of 
dis   exhibit a large scatter (Bahl et al., 2017), e.g., 0.15<

dis  <0.9 has been 

measured for copper (Lavrentev, 1980). More details about the scatter values of 
dis   have been 

summarized and discussed in the two review articles (Mughrabi, 2016; Sauzay and Kubin, 2011). Based 

on previous observations, the fe parameter is introduced in the present modeling, which allows scaling the 

interaction matrix  , making the present model different from the previous one where fe is fixed to 1 

(Madivala et al., 2018; Sedighiani et al., 2020; Wong et al., 2016). For the FCC metals, the dimensionless 

components of the interaction matrix   determined via dislocation dynamics simulations are 0.122 for 

self-interaction, 0.122 for coplanar interaction, 0.625 for collinear interaction, 0.07 for Hirth lock, 0.137 

for glissile junction, and 0.122 for Lomer lock (Kubin et al., 2008). 

The mobile dislocation density evolution rate is given by 

m dipole m

1
2d

b b

 

  



 
 = −


,              (12) 

The first term on the right side of Eq. (12) denotes the dislocation multiplication rate, which is determined 

by the dislocation mean free path   with 

c

1 1 1

d 
= +


.                  (13) 

Here, dc is the average cell size. Besides, 

( )
s

1 2

m d

1

1 1
N

g
C

 




 
 =

 
= + 

 
 ,              (14) 

where C  is a material parameter controlling the number of dislocations that a mobile dislocation passes 

before it is trapped by forest dislocations (Ma and Roters, 2004), g  is the projection matrix for the 
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forest dislocation density (Roters et al., 2019). 

The second term on the right side of Eq. (12) represents the immobilization of the mobile dislocation 

density due to dipole formation. The critical distance for dipole formation is calculated by (Roters et al., 

2019; Wong et al., 2016) 

dipole

3

16

b
d





 
= .                 (15) 

The evolution rate of the immobile dislocation dipole density follows (Roters et al., 2019; Sedighiani 

et al., 2020) 

( )d dipole anni m anni d2 2d d d
b b

 

     
 

  = − − ,           (16) 

where the critical distance annid  for two mobile dislocations with opposite signs to annihilate is given by 

anni annid C b = .                  (17) 

The first term on the right side of Eq. (16) reflects that a dislocation dipole forms when two mobile 

dislocations have a distance larger than annid  but smaller than the critical distance for dipole formation 

dipoled
  (Sedighiani et al., 2020). The second term on the right side of Eq. (16) corresponds to the 

annihilation of dislocation dipoles. 

The total dislocation density total

   of slip system α is the summation of the mobile dislocation 

density and the immobile dislocation dipole density, which is 

m d

    = + .                  (18) 

4.2 Microstructure models and simulation approach 

Periodic three-dimensional (3D) microstructure models with physical dimensions of 7.04×7.04×7.04 

μm3 were generated for both as-built and direct-aged specimens. All microstructure models were 

discretized into 128×128×128 (=2,097,152) voxels. The volume fraction of porosity was set to 0.44% 
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based on measurement. The Al3(Sc, Zr) particle volume fraction was set to 1.82% for the direct-aged 

specimen (Patil, 2020). The Al grain orientations were generated using the measured textures (Fig. 6). The 

crystallographic orientations of the Al3(Sc, Zr) particles were assumed to be random. The generated 3D 

virtual microstructure models are shown in Fig. 14 for the as-built and direct-aged specimens. The 

microstructure model for the as-built specimen includes 1356 Al grains and 78 pores (Fig. 14(a)); the 

microstructure model for the direct-aged specimen contains 1354 Al grains, 76 pores, and 4767 Al3(Sc, 

Zr) particles (Fig. 14(b)). 

 

Fig. 14 Virtual microstructures used in the CPFFT simulations for (a) the as-built specimen and (b) the 

direct-aged specimen. 

 

The CPFFT models were solved using the fast-Fourier-transform-based spectral solver implemented 

in the DAMASK software (Roters et al., 2019). Periodic boundary conditions were employed, and the 

tensile loading direction was set along the Z-axis direction of the microstructure models. The fitted and 

cited material parameters used in the CPFFT simulations are listed in Table 3. A parameter sensitivity 

analysis for the CPFFT model is shown in Section S1 of Supplementary Materials. Although local 
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deformation causes fluctuations in strain rates, as shown in Fig. 4, the instantaneous strain rates are smaller 

than 3.0×10-3 s-1 and are within the quasi-static condition. Therefore, the effect of fluctuating strain rates 

on the mechanical properties is expected to be small. To simplify the modeling process, we assume that 

the deformation is under a uniform rate, and the tensile strain rate of the CPFFT simulations was set to 

3.0×10-4 s-1, the same as the nominal strain rate of the in-situ experiments. 

Table 3 Fitted and cited material parameters used for the CPFFT simulations. 

Phase Parameter Value Reference 

Al C11 108.2 GPa (Zhang et al., 2021c) 

 C12 61.3 GPa  

 C44 28.5 GPa  

 0  1.0×10-2 m/s  for As-built 

1.0×10-5 m/s  for Direct-aged 

 

 F  3.5×10-19 J   for As-built 

4.0×10-19 J   for Direct-aged 

 

 p 0.70        for As-built 

0.66        for Direct-aged 

 

 q 1.60        for As-built 

1.54        for Direct-aged 

 

 *

0  125 MPa    for As-built 

266 MPa    for Direct-aged 

 

 B 5.0×10-4 Pa·s  

 fe 0.35        for As-built 

0.05        for Direct-aged 

 

 C  15.0        for As-built 

4.0         for Direct-aged 

 

 anniC  1.0         for As-built 

0.6         for Direct-aged 

 

Al3(Sc, Zr) C11 184.41 GPa (Hu et al., 2013) 

 C12 40.02 GPa  

 C44 74.65 GPa  
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4.3 Simulation results 

Fig. 15 compares the predicted properties from the CPFFT simulations with the measured properties 

from the in-situ SXRD experiment for both as-built and direct-aged specimens. The CPFFT models 

reproduce the macroscopic stress-strain curves very well for both specimens (Figs. 15(a)-(b)). In the elastic 

stage of the as-built specimen, the predicted Al {311} lattice strain curves coincide with measurements, 

and basically capture the nonlinearity in the microplasticity and macroplasticity stages (Fig. 15(c)). For 

the direct-aged specimen, the predicted {311} lattice strain curves agree well with the experimental results 

(Fig. 15(d)). Comparison between predicted and measured {111}, {200}, and {220} lattice strains are 

shown in Supplementary Fig. S15, which confirms reasonable prediction accuracy. The predicted 

evolutions of the total dislocation densities agree with in-situ measured results in general, despite some 

local deviations (Figs. 15(e)-(f)). For example, the model does not predict the small reduction in total 

dislocation density during the microplasticity stage 1 of the as-built specimen (Fig. 15(e)). This 

inconsistency is likely related to the fact that the current CPFFT neglect the initial residual stresses in the 

as-built specimen. Besides, the predicted total dislocation density values of the direct-aged specimen are 

lower than the measured values when the true strains are between 0.006 and 0.066, beyond which the 

situation reverses (Fig. 15(f)). In fact, the second-order variation tendency of the measured dislocation 

density curve in Fig. 15(f) is similar to that of the measured instantaneous strain rate curve in Fig. 4(d). 

Accordingly, the discrepancy between the predicted and measured dislocation density of the direct-aged 

specimen is likely associated with the effects of fluctuating strain rates, while the current CPFFT model 

assumes a uniform strain rate. Despite these local deviations, the predicted macro- and microscopic 

properties from the CPFFT simulations agree with the in-situ experimental results. 
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Fig. 15 Comparison between predicted and measured results: (a)-(b) macroscopic true stress-strain curves, 

(c)-(d) {311} lattice strains, and (e)-(f) total dislocation density for the as-built specimen. 

 

Fig. 16 illustrates the micromechanical fields predicted for the as-built specimen under two different 

applied true stresses: 290 MPa (microplasticity stage 2) and 404 MPa (macroplasticity stage). In Fig. 16(a), 

the gray grains remain in elastic deformation, while many blue and green grains have entered the 

microplasticity stage with an increased total dislocation density. Although the effective plastic strain map 

(Fig. 16(b)) appears in different color shades from the total dislocation density map (Fig. 16(a)), the two 

are similar because dislocations are the basic carriers of plastic deformation. 

Upon comparing Figs. 16(a) and (c), it can be observed that the grains with high Mises stress values 

(yellow and red regions in Fig. 16(c)) essentially correspond to the grains undergoing elastic deformation 

(gray regions in Fig. 16(a)). In contrast, grains with medium Mises stress values (green regions in Fig. 

16(c)) represent the grains entering the microplasticity stage (blue and green regions in Fig. 16(a)). These 

results confirm that load transfer occurs from soft grains to hard grains during microplasticity deformation. 
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Furthermore, Fig. 16(c) demonstrates that the presence of pores induces stress concentrations, 

triggering multiple slip systems (X-shaped blue regions in Fig. 16(a)) around the pores. These stress 

concentrations also result in higher total dislocation densities in regions surrounding the pores compared 

to regions further away. These findings reveal that pores significantly affect microplasticity behavior and 

reduce the proportional limit. As the applied true stress reaches 404 MPa in the macroplasticity stage, the 

dislocation densities in most regions exhibit significant increases (Fig. 16(d)). Thick and large X-shaped 

green regions with high dislocation densities are frequently observed in Fig. 16(d), indicating multiple slip 

and slip transitions across grain boundaries. The gray regions in Fig. 16(d) indicate that the dislocation 

densities either remain at the same level before deformation or exhibit a minimal increase. The effective 

plastic strain map in Fig. 16(e) demonstrates a similar feature to the total dislocation density map in Fig. 

16(d). Regarding the stress field, the hot grains with high von Mises stress values in the macroplasticity 

stage (Fig. 16(f)) are mainly the same hot grains with yellow and red colors in the microplasticity stage 

(Fig. 16(c)). These hot grains are harder than other green and blue grains, resulting in higher stress levels 

due to the load transfer effect. 

Fig. 17(a) displays that the high dislocation density regions in the microplasticity stage (applied stress 

is 509 MPa) of the direct-aged specimen are composed of thin, parallel slip traces. This is different from 

the slip image in the microplasticity stage of the as-built specimen illustrated in Fig. 16(a), where the high 

dislocation regions are represented by blue islands. This difference should be related to the presence of 

Al3(Sc, Zr) particles, which impede the movements of mobile dislocations. Consequently, mobile 

dislocations have to find their slip path between the Al3(Sc, Zr) particles (small cubic particles), forming 

the narrow slip traces in Fig. 17(a). Supplementary section S3 confirms this, where Fig. S16 indicates that 

without Al3(Sc, Zr) particles, the plastic deformation pattern changes and becomes similar to that of the 
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as-built specimen. The Al matrix connected to the top and bottom sides of the Al3(Sc, Zr) particles exhibits 

increased dislocation densities. Similar to the as-built specimen, high dislocation density regions with 

green and yellow colors are observed surrounding the round pores. 

Fig. 17(b) confirms that round pores cause strain concentrations around them. Fig. 17(c) reveals that 

small cubic Al3(Sc, Zr) particles (red color) bear high stresses, reflecting a load transfer strengthening 

effect. Surprisingly, Fig. 17(c) indicates that the round pores in the direct-aged specimen do not cause 

obvious stress concentrations in the surrounding Al matrix, which is different from the case in the as-built 

specimen. Additionally, hard Al grains (yellow and red color) also experience high stresses due to the load 

transfer effect between grains. 

In the macroplasticity stage of the direct-aged specimen, where the applied stress increased to 569 

MPa, a much more heterogeneous deformation pattern is observed in the total dislocation density 

distribution, characterized by scattered, small, and narrow hot regions (Fig. 17(d)). This differs from the 

as-built specimen, where the hot regions are broader and more continuous (Fig. 16(d)). Besides, the hot 

regions in the direct-aged specimen exhibit significantly higher dislocation densities, with a maximum 

total dislocation density of 5.37×1016 m-2 as shown in Fig. 17(d), compared to a maximum of 1.26×1016 

m-2 in the as-built specimen (Fig. 16(d)). Moreover, intergranular and interphase heterogeneous 

distribution of stress is apparent in the direct-aged specimen (Fig. 17(f)). These results support the 

conclusion that the direct-aged material has a lower elongation than the as-built material. 
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Fig. 16 Predicted micromechanical fields of the as-built specimen: (a) total dislocation density, (b) 

effective plastic strain, and (c) von Mises stress fields at the applied true stress of 290 MPa (microplasticity 

stage 2); (d) total dislocation density, (e) effective plastic strain, and (f) von Mises stress fields at the 

applied true stress of 404 MPa (macroplasticity stage). 
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Fig. 17 Predicted micromechanical fields of the direct-aged specimen: (a) total dislocation density, (b) 

effective plastic strain, and (c) von Mises stress fields at the applied true stress of 509 MPa (microplasticity 

stage); (d) total dislocation density, (e) effective plastic strain, and (f) von Mises stress fields at the applied 

true stress of 569 MPa (macroplasticity stage). 
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5. Conclusions 

(1) The micromechanical behavior of the as-built specimen (additively manufactured Al-Mg-Sc-Zr 

alloy) under continuous tensile loading can be divided into four stages: the elasticity stage, followed by 

the microplasticity stages 1 and 2, and finally, the macroplasticity stage. In contrast, the direct-aged 

specimen also shows four but different stages: the elasticity stage, followed by the microplasticity stage, 

and finally, the macroplasticity stages 1 and 2. 

(2) The dislocation density decreases during the microplasticity stage 1 of the as-built specimen, but 

increases in the subsequent plastic deformation stages. After direct aging, the dislocation density decreases 

due to the annealing effect. However, no reduction in the dislocation density is observed during the 

microplasticity stage of the direct-aged specimen. The dislocation density increases continuously during 

the micro- and macroplasticity stages. 

(3) The present CPFFT model effectively predicts the macro- and microscopic mechanical behavior 

of both as-built and direct-aged specimens. The predicted stress-strain curves, lattice strains, and 

dislocation density agree well with the in-situ measured values. However, the CPFFT model does not 

perfectly capture the local fluctuations in dislocation density during plastic deformation due to the 

exclusion of some physical mechanisms. 

(4) The CPFFT simulations demonstrate heterogeneous stress and strain distribution during micro- 

and macroplastic deformation in both specimens. The presence of pores causes stress or strain 

concentrations, triggering multiple slip systems around them and resulting in higher dislocation densities 

in nearby regions. The plastic deformation and corresponding dislocation distribution are more 

heterogeneous in the direct-aged specimen due to the presence of Al3(Sc, Zr) particles, resulting in a 

shorter elongation of the direct-aged specimen compared to the as-built one. 
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