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The mechanical behaviour of all-oxide ceramic matrix mini-composites with
porous alumina matrix phase was investigated by performing uniaxial tensile
tests on specimens with different gauge lengths. The specimens were fabricTM
ated from Nextel 610 fibres by slurry infiltration and subsequent sintering
at 1300 ◦C for one hour.
The stress-strain curves of the tested mini-composites revealed that the
porous alumina matrix phase accumulates damage with increasing tensile
load, but continues to contribute to the mini-composites’ tensile stiffness
until ultimate failure occurs. A dependence of the tested mini-composites’
axial tensile strength on gauge length was not observed. The mean stress
in the fibres at mini-composite failure was found to decrease with increasing
matrix volume fraction, indicating that the cause of ultimate failure of the
mini-composites can be attributed to the propagation of matrix cracks.
Keywords: Ceramic-matrix composites (CMCs), Mechanical testing,
Tensile strength, Statistical properties, Microstructure
1. Introduction

Owing to their fracture toughness, heat and oxidation resistance, as well
as low specific weight, all-oxide Ceramic Matrix Composites (CMCs), which
typically consist of alumina or aluminosilicate fibre bundles embedded in
a porous, alumina- or aluminosilicate-based matrix, are promising materials
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for high-temperature applications under oxidizing conditions. The non-linear
structural behaviour exhibited by all-oxide CMC components with multidirectional fibre orientation under fibre-nonparallel mechanical loading results from the interplay of damage and failure processes acting at several material length scales. The CMC components’ overall performance is strongly
influenced by the mechanical properties of the unidirectional fibre bundles,
which constitute the smallest repetitive mechanical entity discernible in alloxide CMCs [1, 2].
Generally, the mechanical behaviour of the fibre bundles in all-oxide
CMCs differs fundamentally from that found in conventional, polymer-based
unidirectional composites. In the latter, the ductile matrix phase exhibits high strain-to-failure but low strength. The embedded fibres primarily
stiffen and reinforce the polymer matrix. The axial tensile strength of the
fibre bundles depends on the statistical strength properties of the fibres, the
shear properties of the matrix phase and the fibre-matrix bond strength [3–7].
The damage process under tensile loading is characterized by matrix yielding, successive fibre rupture and load transfer between fractured and intact
fibre segments [6, 8].
In all-oxide CMCs, however, the brittle porous matrix phase generally has
low strain-to-failure and comparatively low strength [9, 10]. The embedded
fibres primarily toughen the porous matrix phase [11, 12]. The axial tensile
strength of the fibre bundles in a ceramic matrix is commonly reported to
be influenced by fibre strength statistics [13–16] and fibre-matrix debonding
resistance [1, 2, 17–20].
While a multitude of micromechanical models describing the damage and
failure behaviour of CMCs have been described in literature [21–32], published experimental data on the strength properties of unidirectional ceramic
fibre bundles embedded in a brittle ceramic matrix, so-called ceramic matrix
mini-composites, is scarce [28, 33–35], especially for all-oxide ceramic matrix
mini-composites [36].
This paper aims at contributing to the experimental background by reporting on the results of uniaxial tensile tests on all-oxide ceramic matrix
TM
mini-composites consisting of Nextel 610 alumina fibres [37] embedded in
an alumina matrix phase with more than 30 vol% matrix porosity. A total of
90 mini-composites with three different gauge lengths were tested to investigate whether the mini-composites’ axial tensile strength exhibits a dependence
on gauge length. The obtained strength data and the stress-strain curves of
the tested mini-composites were analysed to evaluate the mini-composites’
damage and failure behaviour.
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2.1. Specimen preparation
The investigated ceramic matrix mini-composites were manufactured usTM
ing a Nextel 610 fibre roving with a linear mass density of 3000 den, which
corresponds to a nominal filament count of 750 [37], and an aqueous ceramic
slurry of α-Al2 O3 particles with an average particle size of approximately
200 nm prepared from PURAL R boehmite powder [38, 39]. During manufacturing of the mini-composites, the as-received fibre roving was passed
through a furnace to remove the organic sizing, infiltrated with the ceramic
slurry and fed through a deflector with an opening of 1 mm in diameter to
remove excess slurry. This manufacturing procedure, which is schematically
shown in Fig. 1(a), is similar to the standard processing route of WHIPOX R
components [40]. The infiltrated roving was manually cut into 18 bundle sections with lengths varying from approximately 800 mm to 1400 mm, which
were then air dried for several hours. From each of the six shortest bundle
sections, one set, and from each of the remaining 12 bundle sections, two
sets of three tensile test specimens with nominal gauge lengths lg = 50 mm,
125 mm and 250 mm were cut, yielding a total of n = 30 specimens per gauge
length. All specimens were sintered for one hour at a temperature of 1300 ◦C
in air. The resulting matrix phase exhibits high porosity and more than
99.8 wt% alumina content.
After sintering, the mass and overall length of each specimen were recorded. Using Archimedes’ principle, the density of one specimen from each
of the 18 bundle sections was determined. This density was assumed to be
representative for all specimens cut from the respective bundle section. With
the known mass, density and overall length, the volume V and the average
cross-sectional area Ac of each mini-composite specimen were computed.
The specimens were glued on 2 mm thick aluminium mounting tabs using
a two-part epoxy adhesive, cf. Fig. 1(b), in order to facilitate handling and
clamping, as well as to achieve, during mechanical testing, a gradual transfer
of load from the clamped mounting tab to the specimen through shearing of
the glue layer. The length of each gripping area was 40 mm.

2.2. Mechanical testing
Uniaxial tensile tests were carried out according to ASTM standards
C1275-10 and C1557-03 [41, 42] on a dual-column Instron 5566A testing
machine equipped with a 500 N load cell in a controlled environment at a
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Figure 1: Schematic processing route of unidirectional all-oxide ceramic matrix minicomposites (a), mounting tab geometry used for mechanical testing (b).
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temperature between 21 ◦ C and 22 ◦ C, a relative humidity between 50 % and
60 % and 984 hPa to 997 hPa ambient pressure.
During each test cycle, the mounted test specimen was positioned between
the serrated grip faces and carefully aligned with marks on the grips in order
to prevent spurious bending or torsion of the specimen. After clamping,
the mounting tab was cut at the central drill-hole, cf. Fig. 1(b). Although
care was taken to avoid damaging the fibre bundle surface, three specimens
were destroyed during this process. Each tensile test was conducted at a
constant nominal strain rate of approximately 10−4 s−1 to achieve fracture of
the specimen within 20 s [42]. In the course of each test, the force F and the
cross-head displacement u were recorded.
The cross-head displacement was used to estimate the specimens’ tensile
strain ε: to compensate for the compliance of the grips and other components
in the load train, an effective gauge length le was determined from an additional tensile test on an as-received fibre roving embedded in epoxy resin,
with a nominal gauge length of 50 mm. Neglecting the comparatively low
Young’s modulus of the epoxy matrix, the gauge length of the specimen was
adjusted during analysis of the test result until the slope of the linear region
of the stress-strain curve matched the known Young’s modulus of the fibres
[37], yielding an effective gauge length of le = 59.18 mm. Assuming the added
compensation of 9.18 mm to be independent of the specimens’ nominal gauge
4
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length, the effective gauge lengths le of the longer specimens were determined
to be 134.18 mm and 259.18 mm, respectively.
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2.3. Microscopy
After mechanical testing, a polished cross-section was prepared from each
of the 18 bundle sections at a random location in order to determine the
actual number nf of fibres in the tested specimens. The individual fibres
were counted on digital images obtained by scanning electron microscopy.
Assuming the number of fibres to remain constant along the length of a
bundle section, the fibre volume fraction ϕ and the matrix porosity φm of each
specimen were computed from the number of fibres and the specimen length
and volume for an average fibre diameter of 11.8 μm [43]. The digital images
of polished cross-sections were further submitted to area measurements, using
the ImageJ image analysis toolbox [44].
3. Results and discussion
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3.1. Specimen microstructure
Actual fibre counts nf of the 18 bundle sections ranged from 633 to 748.
The fluctuation in fibre count is attributed to the rupture of individual filaments during manufacturing. The resulting fibre volume fraction ϕ of the
mini-composites was found to vary from 12.8 vol% to 44.1 vol%, and matrix
porosity φm was found to be in the range of 33.1 vol% to 43.1 vol%.
The digital area measurements confirmed the results derived from Archimedes density measurements, indicating that the variation in average crosssectional area Ac along the length of the individual bundle sections is minimized by using the deflector to remove excess matrix slurry. However, a
variation in diameter among different bundle sections occurred despite using
the deflector, and some bundle sections exhibit a diameter that is notably
smaller than the deflector opening.

3.2. Screening for outlying data
Due to the pronounced scatter in measured load at failure data, prior to
further analyses, the test results for each nominal gauge length were separately scanned for erroneous, outlying data using the maximum normed residual criterion [45–47]. For each set of load at failure data Fbi , i = 1, 2, . . . , n,
where the sample size n indicates the number of successfully tested specimens,
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cf. Section 2.2, the maximum normed residual T was computed according to
the relation

n 
2
1 X
Fbi − Fb .
n − 1 i=1

(2)
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In order to determine whether the datum Fbi associated with the maximum
normed residual T was an outlier or not, T was compared with a critical value
C at a significance level of 0.05. The computed maximum normed residuals
and the corresponding critical values for the data sets of each gauge length
are listed in Table 1.
Table 1: Maximum normed residual test of normally distributed load at failure data for
significance level of 0.05 (∗ values taken from [46]).

sample
size n

50
125
250

29
30
28

sample
mean Fb
[N]

sample std.
deviation s
[N]

max. normed
residual T

critical
value C

56.5
50.9
49.7

12.8
13.4
10.8

1.728
2.063
2.188

2.730 ∗
2.745 ∗
2.714 ∗
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nominal
gauge length lg
[mm]

At the significance level of 0.05, all maximum normed residuals fall below
their respective critical values, indicating that the sets of test results do not
contain outlying data.
3.3. Axial tensile strength
The axial tensile strength σcb of a mini-composite is defined as the quotient of its maximum load at failure Fb and its average cross-sectional area
Ac ,
σcb =

Fb
.
Ac

(3)
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The range of tensile strength data of successfully tested specimens is illustrated by box plots in Fig. 2: each box represents data that fall between
the first and third quartile of the strength distribution for the corresponding
gauge length, the median being marked by a bold horizontal line. Vertical
lines characterize the lowest and the highest datum still within the interval
defined by 1.5 times the interquartile range of the lower quartile to 1.5 times
the interquartile range of the upper quartile. Data exceeding 1.5 times the
interquartile range above the upper quartile are excluded from further analysis and denoted by circles [48]. The mean tensile strength of the reduced
data set is marked by a bold dashed line.
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Figure 2: Box plots of the mini-composites’ axial tensile strength data σcb for different
nominal gauge lengths lg .

It can be seen from Fig. 2 that the three distributions of tensile strengths
cover a similar range. Excessively high strength values present in each distribution are attributed to specimens with fibre volume fractions ϕ exceeding
40 vol%. Fig. 2 further shows that the strength distribution for specimens
with 250 mm gauge length exhibits a smaller interquartile range, which may
be explained by the increased lateral mobility of the long gauge length sections that facilitates reorientation of the specimens towards the loading axis
and limits the spread of measured load at failure data. Besides, the three
strength distributions are skewed, which corresponds to the fluctuations in
fibre volume fraction. The means of the strength data distributions read
134.2 MPa (standard deviation 33.6 MPa) for 50 mm gauge length, 127.6 MPa
7
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(40.8 MPa) for 125 mm gauge length and 127.6 MPa (28.0 MPa) for 250 mm
gauge length.
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3.4. Stress-strain behaviour
A stress-strain curve for each of the tested unidirectional mini-composites
was obtained by dividing the recorded data of force F and cross-head displacement u by the mini-composite’s average cross-sectional area Ac and its
effective gauge length le , respectively. The tensile Young’s modulus Ec of
each mini-composite was determined from the slope of the linear region of
the stress-strain curve, yielding mean values of 124.7 GPa (standard deviation 42.1 GPa) for 50 mm gauge length, 122.8 GPa (41.7 GPa) for 125 mm
gauge length and 133.2 GPa (36.2 GPa) for 250 mm gauge length.
The slopes of the ascending stress-strain curves of the mini-composites
predominantly exhibit a gradual decrease prior to reaching the ultimate
tensile stress, as exemplarily shown in Fig. 3(a), which is attributed to cumulative matrix micro-cracking and opening of cracks already present in the
porous matrix phase due to fibre-constrained matrix shrinkage during sintering. This observation was confirmed by optical microscopy of several tested
mini-composites, which revealed multiple irregularly-spaced matrix cracks
oriented perpendicular to the mini-composites’ longitudinal axis, cf. Fig. 4.
However, the stress-strain curves do not show the characteristics of matrix
crack saturation, fibre-matrix debonding and fibre-dominated failure that are
observed on unidirectional CMCs containing fibres with (fugitive) coatings
after exceeding the tensile strength σmb of the matrix phase, as illustrated
with Fig. 3(b). The slopes of the stress-strain curves of the damaged all-oxide
mini-composites, in particular, are steeper than the slopes attributed to a
mere stiffness contribution ϕEf of the fibres alone [49–51]. It can therefore
be assumed that the damaged matrix phase continues to carry load until the
ultimate tensile stress of the mini-composites is reached.

3.5. Damage and failure behaviour
3.5.1. Fibre stress at failure
To evaluate the effect of the damaged matrix phase on the mini-composites’
tensile strength, the mean stress σf in the fibres at the point of failure of the
mini-composites was determined using the equation
σf =

σcb − (1 − ϕ)σm
.
ϕ

(4)
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Figure 3: Characteristic stress-strain curve of a unidirectional all-oxide ceramic matrix
mini-composite under uniaxial loading (a), schematic stress-strain curve of a unidirectional
CMC containing fibres with a (fugitive) coating, after [49, 50] (b). The dashed lines
represent fits to the linear region of the stress-strain curves.
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An estimate for the matrix stress σm at mini-composite failure can be obtained from the relation
∗
σm = Em
εcb ,

(5)

∗
where Em
is the Young’s modulus of the damaged matrix phase and εcb
denotes the mini-composites’ strain at failure, cf. Fig. 3. Presupposing that
no fibre-matrix debonding occurs, i.e. εf = εm = εcb , the Young’s modulus
∗
Em
of the micro-cracked matrix phase follows from the Rule of Mixtures
∗
Em
=

Ec∗ − ϕEf
1−ϕ

(6)

with the Young’s modulus Ef = 380 GPa of the undamaged fibres [37]. The
Young’s modulus Ec∗ of the damaged mini-composites was determined from
the slope of the secant defined by the true origin of the stress-strain curve,
which corresponds to the intersection of the extended linear region of the
stress-strain curve with the abscissa, and the point of mini-composite failure
associated with εcb , cf. Fig. 3(a). In the non-linear region of the stress-strain
9
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1 mm

Figure 4: Matrix cracks found on the surface of a mini-composite after tensile failure. The
aluminium mounting tab is visible in the background.
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curve, the secant modulus is generally higher than the tangent modulus,
yielding a conservative estimate for σf .
Box plots of the distributions of fibre stress at mini-composite failure are
shown in Fig. 5. The means of the distributions are 538.1 MPa (standard
deviation 112.4 MPa) for 50 mm gauge length, 467.3 MPa (119.2 MPa) for
125 mm gauge length and 426.2 MPa (69.4 MPa) for 250 mm gauge length.
The distributions exhibit moderate variability. Differences between the distributions’ means are due to uncertainties in determining the secant moduli
of the damaged mini-composites. The notably smaller interquartile range of
the fibre stress distribution of specimens with 250 mm nominal gauge length
is again attributed to the increased lateral mobility of the longer specimens
that leads to reduced scatter.
The weak length dependence of the fibre stress at mini-composite failure
suggests that failure of the mini-composites is not solely fibre-induced. The
embedded fibres fail at comparatively low stress levels, even if fibre strength
degradation due to grain growth during sintering of the mini-composites is
considered, cf. Hay et al. [52]. The strain-to-failure of the mini-composites
reaches 0.19 % at most, which is far lower than the 0.5 % strain-to-failure of
the filaments [53]. These observations indicate that the mini-composites’
failure may be matrix-driven. This assumption is further supported by
the correlation of the fibre stress at mini-composite failure and the minicomposites’ matrix volume fraction: overall, the mean stress in the fibres at
mini-composite failure decreases with increasing matrix volume fraction, as
shown in Fig. 6.
An explanation for this trend is provided by the observation that the
matrix-rich areas usually exhibit cracks. These matrix cracks possibly already
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Figure 5: Box plots of the mean fibre stress σf at mini-composite failure for different
nominal gauge lengths lg .

form during sintering of the mini-composites.
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3.5.2. Effect of sintering-induced matrix shrinkage
During sintering of the mini-composites, the transformation of the dried
TM
aqueous slurry into a ceramic matrix goes along with shrinkage. The Nextel
610 fibres themselves, however, also shrink during the sintering process,
mainly as a result of grain growth. Usually, matrix shrinkage is higher than
fibre shrinkage, so that the embedded fibres constrain the matrix shrinkage, causing shrinkage stresses. On 14 mini-composites, the length before
and after sintering was measured. It was found that, on average, the minicomposites experienced a relative change in length of εc ≈ 0.9 % during sintering at 1300 ◦C for one hour.
An estimate for the axial matrix shrinkage strain can be obtained from a
one-dimensional balance-of-force analysis, as sketched in Fig. 7. The balance
of axial forces Ff in the fibre and Fm in the matrix domain requires
Fm1 + Fm2 − Ff = Fm − Ff = 0,

(7)

which can be written in the form
(1 − ϕ)Em εm − ϕEf εf = 0

(8)
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Figure 6: Variation of the mean fibre stress σf at mini-composite failure with matrix
volume fraction 1 − ϕ for (a) 50 mm, (b) 125 mm and (c) 250 mm nominal gauge length.
The dashed trend lines represent least-squares fits to the scattered data.
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for a given fibre volume fraction ϕ, the Young’s modulus Ef of the fibres and
the Young’s modulus Em of the porous matrix phase, which follows from the
mini-composite’s tensile Young’s modulus Ec using the Rule of Mixtures.
ε0m
εm

εc

m
f
m

y

Fm1
Ff
Fm2
εf ε0f
εc

x

Figure 7: Estimation of sintering-induced overall matrix strain.

Rearranging Eq. (8) leads to the following relation for the overall matrix
strain:
εm =

ϕ Ef
ϕ Ef
εf =
(εc − ε0f ),
1 − ϕ Em
1 − ϕ Em
12

(9)
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where ε0f denotes the unconstrained shrinkage of the fibres. Length measurements on seven dry fibre roving sections before and after sintering yielded,
on average, an unconstrained fibre shrinkage of ε0f ≈ 0.5 % after sintering for
one hour at 1300 ◦C. This result compares well with data published by the
fibre manufacturer, who reports an unconstrained fibre shrinkage of approximately 0.8 % after 15 hours at 1300 ◦C [37].
With a mean matrix Young’s modulus of Em ≈ 52 GPa, the fibre Young’s
modulus Ef = 380 GPa [37] and a mean fibre volume fraction of ϕ ≈ 23 %,
the overall tensile matrix strain after sintering obtained from Eq. (9) then
reads εm ≈ 0.9 %.
For the above balance-of-force analysis, it is assumed that the mean
Young’s modulus of the porous matrix phase at room temperature is also
valid at the sintering temperature of 1300 ◦C. It is clear that, in reality,
the value of the Young’s modulus rises from an insignificantly low value to
about the room temperature value during the entire sintering process, which
involves, amongst others, complex diffusion and creep processes [54]. Thus,
the computed result only presents a rough estimate of the overall matrix
shrinkage strain. Nevertheless, from the overall mini-composite shrinkage
strain of 0.9 %, it is obvious that, during the major part of the sintering process, the Young’s modulus of the matrix phase is high enough to compress
the fibres.
The strain-to-failure of the mini-composites is 0.19 % at most. Considering the sintering-induced shrinkage strain and the tensile strain caused by
mechanical testing in both the fibres and the porous matrix phase, it becomes clear that cracks are likely to initiate in the matrix phase and that,
at the moment of mini-composite failure, globally, the fibres are still under
compression.
3.5.3. Effect of mini-composite microstructure
The effect of the matrix phase on the mini-composites’ failure behaviour
becomes even more apparent when the mini-composites’ microstructure, in
particular the arrangement of embedded fibres and the presence of matrixrich areas, are examined. To characterize the mini-composites’ microstructure, a nearest neighbour search was performed over all fibre centres on each
of the digital images of the 18 bundle cross-sections. From the distances dNN
between each fibre centre and the centre of its nearest neighbour, the mean
nearest neighbour inter-fibre distance dNN was determined for each bundle
cross-section.
13
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The dependence of both the corresponding mean fibre stress σf at minicomposite failure and the mini-composites’ tensile strength σcb of the 18
bundle cross-sections (two of the mini-composites were damaged prior to
testing) on the mean nearest neighbour distance dNN of the embedded fibres
is illustrated with Fig. 8. Both σf and σcb tend to decrease with an increase
in dNN .
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Figure 8: Dependence of the mean fibre stress σf at mini-composite failure and the minicomposites’ tensile strength σcb on the mean nearest neighbour distance dNN of the embedded fibres. Plotted are the results of 16 investigated mini-composites with 250 mm
nominal gauge length.

The mean nearest neighbour inter-fibre distance dNN is a very rough
descriptor of the mini-composites’ microstructure, nevertheless, it can be
related to the mini-composites’ matrix volume fraction 1 − ϕ, as shown in
Fig. 9. If the fibres are closely spaced, dNN takes on low values. In this
case, the matrix volume fraction is low and the size of matrix-rich areas in
the mini-composites’ cross-sections is limited, which results in comparatively
high tensile strengths of the mini-composites. High values of dNN , on the
contrary, indicate high matrix volume fractions and generally large matrixrich areas, which leads to lower tensile strengths of the mini-composites, cf.
Fig. 8.
The continuous curve in Fig. 9 depicts the relation between dNN and 1−ϕ
that results from an imaginary hexagonal arrangement of fibre centres. This
relation was computed in increments of 1 % for matrix area fractions ranging
14
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Figure 9: Relation between the mean nearest neighbour distance dNN of the embedded fibres and the matrix volume fraction 1 − ϕ for both the actual and an imaginary
hexagonal fibre arrangement. Circles mark the results of 16 investigated mini-composites
with 250 mm nominal gauge length. The inset images show cross-sections of two exemplary
mini-composites.
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from approximately 10 %, which corresponds to the densest fibre arrangement
possible without fibre overlap, to 99 %, assuming a constant fibre diameter
of 11.8 μm [43]. Only the region of the curve for fixed inter-fibre distances
between 12 μm and 16 μm is shown in Fig. 9.
The graph demonstrates that, for similar matrix fractions 1−ϕ, the actual
fibre arrangements generally yield lower mean nearest neighbour inter-fibre
distances dNN than the hexagonal fibre arrangements. This results from the
fact that the actual fibre arrangements exhibit non-homogeneous, clustered
fibre distributions and, particularly for high matrix fractions, large matrixrich areas.
In summary, the mini-composites’ microstructure affects the formation
and propagation of matrix cracks. Mini-composites with large mean nearest
neighbour inter-fibre distances exhibit large matrix-rich areas, where long
matrix cracks may occur. Accordingly, such mini-composites attain low
tensile strengths σcb , cf. Fig. 8. Mini-composites with shorter mean nearest
neighbour inter-fibre distances, in contrast, reach higher tensile strengths,
because both the length and quantity of matrix cracks is restricted by the
smaller size of inter-fibre matrix regions, where close-by fibres effectively suppress matrix crack formation.
15
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Uniaxial tensile tests on all-oxide ceramic matrix mini-composites with
highly-porous alumina matrix phase were carried out. The mini-composites
failed at comparatively low levels of stress and strain and did not exhibit
length-dependent tensile strength properties commonly associated with fibredominated failure. The obtained tensile strengths of the mini-composites
exhibit large scatter, which is predominantly the result of the strong variation in matrix volume fraction and the non-homogeneous distribution of
embedded fibres.
The fibre-parallel shrinkage of the porous matrix phase during sintering is
constrained by the dense fibres, causing internal tensile matrix strains. This
is particularly critical for mini-composites with high matrix volume fractions
and large matrix-rich areas. In these unreinforced matrix areas, comparatively long matrix cracks can form at low applied loads or even during sintering. Under increased tensile loading, these matrix cracks readily propagate
and lead to ultimate failure of the mini-composites. Matrix-dominated failure in matrix-rich areas further results in the effect that the mean stress in
the fibres at mini-composite failure tends to decrease with increasing matrix
volume fraction and increasing mean fibre distance.
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